1.. Introduction {#S0001}
================

Additive manufacturing (AM) is the process of fabricating objects layer by layer from 3D numerical models, as opposed to traditional subtractive manufacturing technologies. AM technologies for metals are numerous and include selective laser melting (SLM), selective electron beam melting (SEBM) and laser metal deposition (LMD), also called direct laser fabrication (DLF). They all have in common the local melting of a powder layer which is then rapidly solidified. In SLM \[[@CIT0001]\], a laser beam scans and selectively melts a layer of powder. After exposure of the powder bed, another layer is applied and the process is repeated layer by layer until the completion of the part. Layer thicknesses range between 20 μm and 100 μm. Most laser-based systems have a maximum build rate of about 70 cm^3^/h and a build volume limited to 400 × 400 × 400 mm^3^. The SEBM process is similar to SLM with the difference that an electron beam is used instead of the laser to preheat and fuse the powder bed layers in a vacuum chamber \[[@CIT0007]\]. SEBM has higher building rates (up to 100 cm^3^/h) but inferior surface finish (15--35 Ra instead of 4--11 Ra for SLM). LMD is an additive manufacturing process in which the part is cladded layer by layer \[[@CIT0008]\]. Instead of melting selectively the material previously deposited on a powder bed, the powders are carried by an inert gas into a laser beam where they melt, and are fed onto the workpiece where they fuse with a thin surface layer previously deposited. This technique presents the advantages of having no restriction on the build size, the highest build rates (up to 300 cm^3^/h) of the AM techniques, and allows the fabrication of graded and hybrid materials by simultaneously feeding two different filler materials. Surface roughness ranges between 10 Ra and 200 Ra.

As a tool-free, cost-efficient and digital approach to manufacturing, AM of metals offers many key benefits that could change the industrial paradigm in various sectors such as aerospace, automotive, energy, medical, tooling and consumer goods: [](#F0001){ref-type="fig"} -provides characteristics superior to those of cast parts and approaches those of forged parts (Figure [1](#F0001){ref-type="fig"}),-affords the creation of complex 3D geometries, such as architectured lattice structures, topologically optimized structures, recesses for configurational cooling channels, etc., that are not possible to achieve with other traditional processes,-net shape process which dramatically shortens the fabrication time and cost due to the elimination of production and assembly steps, and reduces the material waste and environmental impact,-enables low-volume production and mass personalization,-permits 3D functionalization and surface engineering.Metals which can be processed by AM must meet two main criteria: good weldability to avoid cracks during solidification, and raw materials available as spherical powders with a size of a few tens of microns in order to achieve good packing density and homogeneity of the powder deposition. Fewer than 50 different alloy compositions are currently available as atomized powders from about 15 suppliers, and are used in AM at various technology readiness levels (TRL). In terms of volume production and level of adoption, the most common and mature metallic alloys processed by AM are, in descending order, from materials being used to fabricate components for commercial usage to alloys subject to research \[[@CIT0009]\]:-Ni-based superalloys (Inconel 625, Inconel 718 and Hastelloy X) with TRL 7--9,-Co-Cr alloys (Co28Cr6Mo) with TRL 7--9,-tool steels (H13 and Maraging 300) with TRL 9,-stainless steels (316L and 17--4PH) with TRL 7--8,-Ti-based alloys (commercial purity grade 1 and grade 2, Ti-6Al-4V, Ti-6Al-4V ELI) with TRL 7--9,-Al-based alloys (AlSi12, AlSi10Mg, AlSi7Mg0.6, AlSi9Cu3, AlSi5Cu3Mg, 1050A, 2017A, 2219, 6061, 7020, 7050, 7075 and 5083) with TRL 4--8,-precious metals (Au, Ag),-refractory metals (W, Ta),-Cu-based alloys, intermetallic (titanium aluminide), and low alloy steels (AISI 4140) with TRL 4--5.This choice of materials for AM is rather limited, and there is strong need both for (1) increasing the maturity of available materials to enable the fabrication of critical parts or the production in large volumes, and (2) expanding the variety of compatible materials, in order to fill the gap that remains between what can be done in AM in comparison with conventional casting and forging processes.

![Materials property space for room temperature yield strength vs elongation of additively manufactured alloys \[[@CIT0008]\] and conventionally manufactured alloys (dashed lines), including (a) steels, Ni alloys, Al alloys, TiAl and CoCrMo, and in (b) Ti-6Al-4V alloys (PBF stands for powder bed fusion).](TSTA_A_1361305_F0001_OC){#F0001}

Because of the rapid cooling rates and directional solidification, metals produced by additive manufacturing have structures, microstructures, and three-dimensional multiscale architectures that differ from their cast and wrought counterparts. Fine grains, anisotropic microstructures with elongated grains, non-equilibrium microstructures (metastable phases, solute trapping, non-equilibrium compositions) and metallurgical defects, such as porosity due to unmelted powders and gas entrapment, are among the distinguishing bulk microstructural features of metals processed by AM \[[@CIT0010]\]. The surfaces of metallic components fabricated by AM also exhibit characteristic features which can include weld tracks, protruding unmelted powder particles or ejected molten droplets and recesses. Due to the different bulk and surface structures in AM metals, the mechanical behavior may differ substantially from conventionally processed materials \[[@CIT0011]\] as illustrated for various types of alloys in Figure [1](#F0001){ref-type="fig"}. It is thus of prime necessity to better understand the complex relationships between powders' metallurgical parameters, processing, microstructure and mechanical properties.

In this paper, we will review the microstructures of three selected alloy classes produced using AM to clarify the engineering paradigm relating process--microstructure--property. These three alloy classes are chosen to span the maturity (or TRL) of materials currently being produced by AM and to highlight particular microstructural features resulting from AM.

Ti-6Al-4V is first discussed because it has been very heavily studied in the context of AM due to its cost advantages compared to conventional machining. The typical microstructural defects such as porosity, lack of fusion, hot-tearing, etc., and the elongated grain shapes resulting from SLM are discussed in this section using Ti-6Al-4V as an example. The elongated grain shapes often observed in SLM are due to the very large temperature gradient and rapid solidification, and this process also results in a high as-built dislocation density. The important effects of this in-built dislocation density are discussed in Section [2](#S0002){ref-type="sec"} using SLM of steels as an example. Whereas the porosity resulting from AM of metals is rightly highlighted as a key factor in the damage properties obtained such as fatigue, in Section [2](#S0002){ref-type="sec"} we also highlight the important role of the surface roughness on the fatigue response of steels fabricated by SLM.

The rapid solidification inherent in the SLM process leads to highly non-equilibrium microstructures and can provide an interesting tool to aid phase selection during alloy fabrication. In Section [3](#S0006){ref-type="sec"}, the stability of phases formed in steels by AM is discussed, and this concept is then extended significantly in Section [4](#S0009){ref-type="sec"} which focuses on high-entropy alloys. High-entropy alloys (HEAs) have only recently been fabricated using AM, for both bulk materials and as claddings on other materials, but they are particularly well suited to AM, and we may expect this field to grow significantly in the coming years. The properties that are obtained and the effects of the processing on the microstructures of HEAs are discussed.

2.. Microstructure and mechanical properties of Ti-6Al-4V produced by selective laser melting {#S0002}
=============================================================================================

In this section, we will focus on Ti-6Al-4V alloys due to their broad applications in biomedical devices, aerospace, marine and offshore applications and their fracture resistance, fatigue behavior, corrosion resistance and biocompatibility \[[@CIT0012]\]. Emphasis is placed on the effect of metallurgical defects on the mechanical properties of Ti-6Al-4V.

2.1.. Metallurgical defects {#S0003}
---------------------------

Materials produced by SLM contain defects that affect their mechanical properties \[[@CIT0010]\]. Several sources can be identified: (1) unmelted or partially melted particles of powders, (2) lack of fusion, (3) delamination between adjacent passes or previous deposited layers, and (4) entrapment of gases during manufacturing \[[@CIT0010]\]. Figure [2](#F0002){ref-type="fig"} gives some examples of defects that can form in SLM materials. Many researchers have studied the effect of process parameters on defect generation in SLM \[[@CIT0010]\]. A link between the energy density and the volume fraction of porosity was shown. The energy density represents the applied energy per unit volume during a powder bed fusion process and can be expressed as:

![Examples of defects that can form in SLM materials: (a) porosity formed in SLM Ti-6Al-4V \[[@CIT0014]\], (b) balling \[[@CIT0016]\] and (c) hot tears \[[@CIT0017]\].](TSTA_A_1361305_F0002_OC){#F0002}

where P is laser power, V is scan speed, h is hatch spacing and t is layer thickness.

Porosity can form due to insufficient energy input or due to the use of excessive energy \[[@CIT0020]\]. For a given layer thickness and hatch spacing, the process window can be divided into four melting zones \[[@CIT0014]\] (Figure [3](#F0003){ref-type="fig"}).

![Process window for SLM-produced Ti-6Al-4V samples \[[@CIT0014]\].](TSTA_A_1361305_F0003_B){#F0003}

The sample is relatively free from porosity in zone I named 'fully dense zone'. The sample contains measurable porosity in zones II and III named, respectively, 'over melting zone' and 'incomplete melting zone'. The porosities induced by process parameters of zone II are caused by the use of excess energy, while those of zone III are induced by insufficient energy input. Finally, a zone termed 'over heating zone' is obtained for very low scan speed and high laser power. The excess energy is such that it is difficult to elaborate any samples in these process conditions. The shape of the defects is also an indicator. Indeed, the near-spherical defects are usually associated either to gas bubbles when a high energy laser is applied or to a destabilization of the liquid interface. In the first case, the vaporization of low-melting-point constituents within the alloy occurs. In the second case, it can lead to a balling effect as shown in Figure [2](#F0002){ref-type="fig"}(b). The above discussion excludes lack of fusion and layer delamination. Regarding lack of fusion, it can be generated at both low and high energy densities. At low energy density, it is attributed to the size of the molten pool which can be smaller than the adjacent passes of the laser path. At high energy density, thermal distortions are identified as a probable source. In addition, the formation of hot tears is a consequence of the material response to stress at elevated temperature (Figure [2](#F0002){ref-type="fig"}(c)).

Besides the process parameters, the metallurgical parameters of powders such as composition, size distribution, morphology and surface characteristics play a role in defect formation \[[@CIT0021]\]. One of the requirements to successively deposit uniform layers is to enhance the powder's flowability \[[@CIT0022]\]. Both the powder shape and size distribution control this property \[[@CIT0023]\]. Furthermore, the energy required to melt all incoming powder is expected to depend on the size of particles. Larger particles require higher laser power for melting due to lower heat transfer.

2.2.. Macrostructure and microstructure {#S0004}
---------------------------------------

Selective laser melting can be seen as a very rapid solidification process. The high temperature gradients generated lead to complex macrostructure and microstructure. The manufacturing of Ti-6Al-4V components by SLM involves the melting of a small volume of powders. The liquidus temperature of Ti-6Al-4V is around 1650 °C, and its solidus temperature is around 1605 °C \[[@CIT0024]\]. The liquid metal pool temperature depends on the laser power and process conditions. For a power laser of 350 W, a deposition rate of 0.13 g/s and a layer thickness of 508 μm, the metal pool temperature ranges from 2000 °C to 2500 °C \[[@CIT0025]\]. The cooling rate in the melt pool of Ti-6Al-4V, which is one of the key parameters in order to control subsequent phase transformations to room temperature, is between 12,000 °C/s and 40,000 °C/s depending on the applied energy \[[@CIT0026]\].

Ti-6Al-4V components produced by SLM solidify first as *bcc*-*β* phase. The solidification macrostructure is composed of both columnar and equiaxed grains whose architecture can be complex \[[@CIT0010]\]. The conditions for the formation of fully columnar and fully equiaxed structures can be represented in terms of a solidification map as shown in Figure [4](#F0004){ref-type="fig"} \[[@CIT0029]\]. A fully columnar structure is observed for low values of solidification rate velocity (R) and high value of thermal gradient (G), and a fully equiaxed structure is observed in the opposite case.

![The Ti-6Al-4V solidification map showing the predicted values of the nature of solidification macrostructure (fully columnar, mixed and fully equiaxed) as a function of both the thermal gradient G and the solidification rate velocity R \[[@CIT0029]\].](TSTA_A_1361305_F0004_OC){#F0004}

In titanium components produced by laser melting deposition, the as-solidified morphology results from the competition between the nucleation of new equiaxed grains on partially melted powder particles and the pool-bottom epitaxial growth of large columnar grains \[[@CIT0028]\]. All being the same, mass deposition rate is known to be a critical processing parameter. In some specific cases, a 'steel-bar reinforced concrete-like' mixed grain structure can even be obtained (Figure [5](#F0005){ref-type="fig"}).

![Formation of the 'steel-bar reinforced concrete-like' mixed grain structure composed by coarse continuous columnar grains and fine equiaxed grain during the layer-by-layer additive manufacturing. (a) Schematic illustration, (b) optical micrograph (from \[[@CIT0028]\]).](TSTA_A_1361305_F0005_OC){#F0005}

The \<100\> fiber solidification growth direction was reported to tend to be aligned with the direction of the maximum thermal gradient that corresponds to the SLM built direction \[[@CIT0030]\]. In as-built SLM specimens, columnar grains correspond to cubic *β* grains. Upon cooling, *β* phase transforms to α'-martensite for high cooling rate (above 410 °C/s), and to α for slow cooling rate (below 20 °C/s) \[[@CIT0031]\]. In both cases, the newly formed hexagonal phase has a clear crystallographic relationship with parent *β* phase.

Typically, because of the high cooling rate during the SLM process, the α' martensitic transformation occurs \[[@CIT0033]\] (Figure [6](#F0006){ref-type="fig"}). The orientation relationship between α' and *β* dictates the α' preferential growth orientation, and martensitic needles (or laths) are generally observed to be inclined about 40° with respect to the build direction \[[@CIT0033]\]. Furthermore, a high dislocation density and stacking faults were observed by transmission electron microscopy (TEM) and electron diffraction \[[@CIT0035]\]. The observed tensile twinning was suggested as a possible mechanism for accommodation of thermal stresses during manufacturing \[[@CIT0035]\]. Twinning is not usually considered as the dominating deformation mechanisms in conventional Ti-6Al-4V \[[@CIT0037]\].

![(a) Optical micrograph of Ti-6Al-4V part built in a vertical direction. (b) High-magnification scanning electron microscopy (SEM) image showing α'-martensite needles formed from the columnar *β* grains \[[@CIT0033]\].](TSTA_A_1361305_F0006_B){#F0006}

2.3.. Mechanical behavior {#S0005}
-------------------------

The presence of a fine and fully α'-martensite structure in as-built SLM samples of Ti-6Al-4V is a consequence of rapid cooling and results in high tensile strength (\>1000 MPa), high yield strength (\>900 MPa) and a low ductility (total elongation \< 8%) \[[@CIT0008]\]. The improvement of mechanical properties and especially the total tensile elongation to failure requires the transformation of the α'-martensite into equilibrium (α+*β*) phase. This generally requires some specific post-SLM heat treatments. However, it was recently shown that *in situ* α'-martensite decomposition can be realized during SLM to produce an ultrafine (α+*β*) lamellar structure \[[@CIT0040]\]. The total elongation to failure is about 11.4% while maintaining high yield strength above 1100 MPa, superior to both conventional SLM-fabricated Ti-6Al-4V and conventional mill-annealed Ti-6Al-4V containing globular (α+*β*) structure. It is worth noting that the formation of the acicular α'-martensite or ultrafine lamellar (α+*β*) was found to depend on the energy density E; reducing E from 50.6 to 33.7 J/mm^3^ leads to a change from ultrafine lamellar (α+*β*) to acicular α'-martensite. As a consequence, a decrease of E favors the formation of α'-martensite structure. This clearly shows a promising pathway to develop high-strength and ductile titanium alloys.

For both horizontal and vertically built Ti-6Al-4V samples, tensile failure is a mix of ductile and brittle modes \[[@CIT0035]\]. The fracture surfaces after tensile tests of as-built specimens (Figure [7](#F0007){ref-type="fig"}) show a cup-and-cone shape of the necking region and a dimple rupture associated with pore coalescence and a ductile mode (Figure [7](#F0007){ref-type="fig"}(a) and [7](#F0007){ref-type="fig"}(b)). In some cases some quasi-cleavage facets more representative of both brittle and ductile modes can be observed. It is worth noting that martensite needles (or laths) are often visible on the quasi-cleavage surfaces and the cracks are often deviated by the prior *β* grain boundary \[[@CIT0035]\]. It is thus suggested that boundaries act as crack deflectors and prevent catastrophic failure. The fatigue trials lead to the same conclusion. Indeed, in that case it is also supposed that the high density of boundaries acts as obstacles for propagation of small cracks \[[@CIT0024]\]. Surprisingly, the crack propagation rate was measured to be faster for cracks larger than 1 mm without any clear explanation \[[@CIT0041]\]. The macro fracture surface is flat without any obvious necking. However, the micro fracture surfaces are characterized by microvoid coalescence resulting in a dimpled appearance, cleavage facets and lots of opened-up pores. These indicate clearly a mixed mode of ductile and brittle fracture \[[@CIT0043]\]. It is observed that cracks initiate from internal pores in the subsurface and propagate radially outwards from the defect \[[@CIT0038]\]. The crack initiation at the subsurface was attributed to the presence of a stress-raising defect. The fatigue properties are thus very sensitive to the presence of porosity. Indeed, lower uniaxial fatigue performance has been reported in Ti-6Al-4V SLM samples due to porosity \[[@CIT0045]\]. More particularly, the fatigue strength seems to be more affected by micron-sized pores \[[@CIT0047]\]. The fatigue performance depends also on surface conditions and microstructural state. Most of the fatigue data reported on Ti-6Al-4V additively manufactured in both as-built and heat-treated conditions have been assessed in two recent reviews \[[@CIT0048]\]. The analysis of the data shows that the surface roughness and residual stresses can severely degrade the high-cycle fatigue performance by providing fatigue initiation sites. It is worth noting that unmelted particles at the surface reduce the fatigue lifetime by an order of magnitude in comparison to subsurface crack initiation from unmelted particles in the bulk. As a consequence, post surface treatments are essential to achieve superior fatigue performance. Furthermore, anisotropic fatigue performance can be observed in additively manufactured Ti-6Al-4V often attributed to the columnar prior *β* grain structures, non-uniform distribution of pores and other microstructural features. Finally, it can be noted that the fatigue strength of additively manufactured Ti-6Al-4V scatter broadly and can reach levels comparable to, or even better than, those of the mill-annealed Ti-6Al-4V.

![Fracture surfaces after tensile tests of as-built SLM Ti-6Al-4V specimens: (a) cup-and-cone, (b) dimples, (c) and (d) quasi-cleavage facets (from \[[@CIT0035]\]).](TSTA_A_1361305_F0007_B){#F0007}

The role of metallurgical defects in the mechanical properties such as hardness and the stress/strain response has also been highlighted. The simplest mechanical property to be analyzed is hardness. It was shown that both the volume fraction of porosity and its size influences hardness. A significant decrease of hardness was recently observed for high-volume fractions of porosity (5%) and larger pores \[[@CIT0020]\]. It was shown that the type of defects plays a key role on the tensile properties. Defects caused by insufficient energy input have a strong influence on the tensile curve from 1% of porosity \[[@CIT0020]\]. When the porosity level is around 5%, the mechanical properties including ultimate tensile strength, elongation and Young's modulus are all strongly deteriorated (Figure [8](#F0008){ref-type="fig"}). The fracture surface of samples with high levels of porosity (Figure [8](#F0008){ref-type="fig"}(b)) exhibits numerous unmelted powder particles, while few discernible voids were observed for very low levels of porosity (Figure [8](#F0008){ref-type="fig"}(a)).

![Tensile curves and fracture surfaces of SLM Ti-6Al-4V specimens: (a) with very low volume fraction of porosity (0%), (b) with volume fraction of porosity of about 5% (from \[[@CIT0020]\]).](TSTA_A_1361305_F0008_OC){#F0008}

The effects of build direction and orientation on mechanical properties remain unanswered. Some works report that the orientation has no clear effect on ultimate tensile strength or yield stress but influences the elongation \[[@CIT0050]\]. The vertically built samples were tested with the columnar grains parallel to the stress axis, and the horizontally built samples were tested with the stress axis perpendicular to the length of the columnar grains. The difference in the elongation was thus mainly attributed to the fact that the columnar grains are along the length of the tensile samples of the vertically built samples. This is consistent with the scanning electron microscopy (SEM) observation on fracture surfaces. Indeed, the horizontally built samples exhibit more planar and faceted fracture morphology than the vertically built samples. However, other works report that ultimate tensile strength (UTS) for the horizontally built samples are higher than the UTS for the vertically built samples \[[@CIT0033]\]. This anisotropy of tensile properties was attributed to the orientation of the defect with respect to the loading direction \[[@CIT0051]\]. If the defects are perpendicular to the loading direction, the defects are expected to open at relatively low stress levels. If the defects are parallel to the tensile loading axis, the opening of these defects becomes more difficult. It is worth noting that size, morphology and nature of porosities also influence the mechanical properties \[[@CIT0020]\]. For instance, defects caused by insufficient energy input have a strong influence on mechanical properties even when present in low amounts. In contrast, defects caused by excessive energy input are less detrimental to mechanical properties.

3.. Microstructure development in selective laser-melted steels {#S0006}
===============================================================

As highlighted in Section [2](#S0002){ref-type="sec"} on Ti-6Al-4V, one of the first order microstructural parameters that is of concern during any additive manufacturing process is porosity. Even small fractions of porosity (\<1%) will affect damage properties such as fatigue, and larger porosities (\>5%) can detrimentally affect the monotonic mechanical response significantly. However, there is a great deal of work currently underway on the identification of appropriate printing conditions for the different additive manufacturing approaches, and, for many alloy systems, printing conditions that result in porosities less than 1% have been identified. These processing considerations for consolidation of dense products have previously been reviewed in detail (e.g. \[[@CIT0008]\]) and were discussed in Section [2](#S0002){ref-type="sec"} in the context of Ti-6Al-4V. In this section emphasis will instead be placed on the microstructural features generated in almost fully dense additively manufactured steels. Selective laser melting will be the process discussed, and stainless steels and maraging steels will be used as examples to highlight several important features of the microstructures of additively manufactured steels that have received much less attention than the porosity and which deserve further focus as the field moves forward.

3.1.. Grain and dislocation structures in SLM stainless steels {#S0007}
--------------------------------------------------------------

The defining feature of the SLM process is the rapid solidification of a small melt pool under conditions of anisotropic heat removal. This gives rise to the types of grain microstructures shown in Figure [9](#F0009){ref-type="fig"}. This electron backscattered diffraction (EBSD) map is from a SLM 316L stainless steel built on an EOS 280 machine (Electro-Optical Systems, Krailling, Germany). In Figure [9](#F0009){ref-type="fig"}(a) the build direction is vertical, and Figure [9](#F0009){ref-type="fig"}(b) is taken from a plane perpendicular to the build direction. The microstructure is 100% austenitic. In this case, the microstructure is almost fully dense, and the grains are elongated in the build direction due to the heat removal through the build plate during solidification. The width of the elongated grains (which is the finest dimension) is approximately 10 μm (Figure [9](#F0009){ref-type="fig"}(b)), and this is significantly finer than the grain size typically observed in wrought 316L or the cast equivalent (CF3 M) (\~30--60 μm). However, even this finest dimension of the elongated grains generated during SLM is not what we would refer to as ultra-fine-grained. This refinement in grain size will influence the mechanical response (and anisotropy), but if one considers the expected increase in Hall--Petch strengthening in going from a 50 μm to a 10 μm grain size for such a material, it is unlikely to explain the doubling of the yield strength that has been reported experimentally for SLM 316L (0.2% proof stress of \~600 MPa) \[[@CIT0007]\] compared with its wrought (annealed) or cast equivalent (0.2% proof stress of 200--300 MPa).

![EBSD maps (inverse pole figure: blue is 111, green is 101 and red is 001) taken from as-built 316L prepared using SLM on an EOS280 using factory-recommended print settings: (a) the build direction is vertical, and (b) the plane of the image is perpendicular to the build direction.](TSTA_A_1361305_F0009_OC){#F0009}

If we examine in TEM the microstructure of an as-built SLM steel such as 316L, things are much more interesting. Examples of bright-field TEM micrographs are shown in Figure [10](#F0010){ref-type="fig"}. These images are prepared from TEM foils sectioned normal to the build direction (i.e. the plane of the image is the same as that shown in Figure [10](#F0010){ref-type="fig"}(b)). The characteristic feature of the as-built microstructure is a large dislocation density arranged as fine dislocation cells of diameter 200--400 nm. This is a very fine dislocation cell structure formed in an as-built SLM sample with similarities to the deformation substructures obtained after severe plastic deformation (SPD).

![Transmission electron micrographs of dislocation substructures generated in as-built 316L prepared using SLM on an EOS280 using factory-recommended print settings.](TSTA_A_1361305_F0010_OC){#F0010}

If the cell size is taken as 400 nm, one may make a rough estimate of a dislocation density of the order of 4×10^14^ m/m^3^. If one assumes a cell size of 200 nm, then an overall dislocation density of close to \~10^15^ m/m^3^ is obtained. These are very high dislocation densities obtained in as-built structures which correspond to the dislocation densities that would be obtained in heavily deformed metals. In comparison, the dislocation density of annealed wrought 316L, or the cast alloy CF3 M, will be of the order of 10^9^--10^10^ m/m^3^.

Two questions immediately come to mind: How can such a high dislocation density be obtained in as-built structures? And what is the effect of this high density on the mechanical response?

The qualitative explanation usually offered for the high dislocation density is that it is due to thermal contraction stresses during the rapid solidification, although it does not appear that a quantitative rationalization of this explanation has been demonstrated. One may test this by considering the thermal contraction strain during solidification. For most steels, solidification will occur around 2000 K, and we may estimate the linear thermal strain (Δε) of the solid as it cools to room temperature as:

An upper estimate, assuming no recovery or other mechanisms of stress relief, for the dislocation density may be obtained by considering that all of this linear thermal strain is accommodated by the solid punching out dislocations as it cools.

If this thermal strain is fully accommodated by dislocations, then the upper estimate of the dislocation density can be estimated as:

This leads to an upper estimate of the dislocation density of 5×10^15^ m/m^3^. This compares reasonably well with the estimates based on the cell size shown in Figure [10](#F0010){ref-type="fig"} and demonstrates quantitatively that such a high dislocation density is possible from thermal contraction alone. Although the cooling rate is very fast, it is not instantaneous, and some dislocation recovery and rearrangement will occur (at least enough for the dislocations to arrange into cells), and as a result the experimentally observed dislocation density is smaller than that calculated above.

There are two important consequences of this high dislocation density obtained in as-built SLM steels such as 316L. The first is a significant contribution of the forest dislocation density to the flow stress. This may be estimated using Taylor's equation to be 110 MPa for a dislocation density of 4×10^14^ m/m^3^ and 175 MPa for a dislocation density of 1×10^15^ m/m^3^. For these calculations, a value of αM of 0.3 has been used for the *fcc* austenite.

Consider the stress/strain curves shown in Figure [11](#F0011){ref-type="fig"} for the as-built SLM 316L shown in Figures [9](#F0009){ref-type="fig"} and [10](#F0010){ref-type="fig"}, compared with typical annealed wrought 316L. The 0.2% proof stress of the as-built vertically oriented 316L tensile sample is \~510 MPa compared with 290 MPa for the wrought 316L. The cast equivalent of wrought 316L (CF3 M) has basically the same monotonic mechanical properties as annealed wrought 316L. The difference is 220 MPa, of which approximately (110 to 175 MPa)/220 MPa = 50%--80% is likely due to the increased dislocation density present in the SLM 316L. It is true that the refined grain size generated in SLM metals will contribute to the increased strength of these products compared to wrought equivalents, but the more important contribution is from the high dislocation densities present in the as-built structures after SLM.

![Engineering stress/strain curves for wrought 316L compared with as-built 316L fabricated on an EOS280 using factory default settings. The tensile sample was built directly and tested without any machining or surface treatments. The gauge length was 20 mm, and width and thickness 5 mm each.](TSTA_A_1361305_F0011_OC){#F0011}

The effect of the grain refinement during SLM may be inferred from the orientation dependence of the stress/strain curves shown in Figure [11](#F0011){ref-type="fig"}. Stress/strain curves are shown for the vertically oriented tensile sample builds, as well as samples built horizontally and at 45% to the build plate. Anisotropy is observed, and the effects are as expected -- the horizontally oriented tensile sample has the largest yield strength because the finest dimension of the elongated grain structure will be oriented normal to the tensile axis. However, the difference in yield strength between the vertically built and horizontally built 316L is only \~50 MPa, which is a small fraction of the typical difference between the strengths of wrought or SLM 316L. Again, this highlights the key role of the dislocation density in the as-built SLM structures.

There is a further important aspect of the dislocation cells that are formed during thermal contraction of the SLM steels such as 316L during building. These cell boundaries interact with the solute distribution and can lead to microscale segregation behavior. This is shown in Figure [12](#F0012){ref-type="fig"}, which is an energy dispersive spectroscopy (EDS) map made in TEM of the cell structures shown in Figure [10](#F0010){ref-type="fig"}.

![EDS-TEM chemical maps from an as-built 316L sample prepared using an EOS280 using factory-recommended build settings.](TSTA_A_1361305_F0012_OC){#F0012}

Clear segregation of Cr, Mo, Ni and Mn to the dislocation cell boundaries can be observed. This does not appear to be associated with deleterious Cr carbide formation, but nonetheless segregation is present, and the effect of this segregation of electrochemical properties must be investigated. The segregation is also likely to affect the dislocation-dislocation junction energy and strength and could lead to enhanced dislocation strengthening through a modification of α in the Taylor equation \[[@CIT0053]\]. Indeed, the contribution of the as-built dislocation density to the overall flow stress may be even larger than that estimated above if the solute segregation shown in Figure [12](#F0012){ref-type="fig"} leads to increases in dislocation junction strengths. None of this has so far been investigated and requires work. This type of microscale segregation is something we will come back to in Section [3.2](#S0008){ref-type="sec"} in the context of maraging steels. There is a final comment to make about the TEM-EDS map of as-built 316L shown in Figure [12](#F0012){ref-type="fig"}. A large number of Si and Mn-containing oxides may be observed. These same particles can also be seen in the bright-field TEM micrograph shown in Figure [10](#F0010){ref-type="fig"}(b). These oxide particles form due to *in situ* oxidation during the SLM process due to residual oxygen in the build chamber. They are not present in any significant quantities in the starting powder for this material. They are 10--30 nm in size and highlight the very interesting possibilities that are available for using the build atmosphere both as an important processing variable and for *in situ* tailoring of the interstitial content of the steels. This possibility has recently been highlighted by Collins et al. \[[@CIT0054]\] and Springer et al. \[[@CIT0055]\], but if one carefully observes in TEM any SLM stainless steel containing Si, these oxides will be observed due to the high tendency for Si to oxidize. They have always been present in such steels prepared using SLM.

The stress/strain curves shown in Figure [11](#F0011){ref-type="fig"} for the SLM 316L compare very favorably with the annealed wrought or cast products. They are significantly stronger without obvious detrimental effects on the elongation. However, care must be taken because these steels prepared by SLM will contain some porosity, even if the processing conditions are controlled very well to keep it below 1%, and an unavoidable surface roughness that is inferior to most machined surfaces. Both of these characteristics will affect the damage properties such as fatigue.

Consider the high-cycle fatigue (HCF) S-N curves shown in Figure [13](#F0013){ref-type="fig"} for 316L tested under a R-ratio of 0.1 (tension-tension loading). The S-N curves for two batches of 316L prepared by SLM and tested in the as-built state are shown. One batch was printed on a Concept Laser MLab machine (Concept Laser, Lichtenfels, Germany) and the other on an EOS M280 (Electro-Optical Systems, Krailling, Germany). In both cases the final fatigue sample geometry was directly printed with no post-printing treatments applied. The two batches have very similar monotonic tensile responses, but their fatigue responses are significantly different -- the EOS-printed samples are significantly better in fatigue and exhibit a fatigue strength at 10^6^ cycles of \~290 MPa, which compares favorably with the fatigue strength of wrought 316L under these cycling conditions of 250--290 MPa.

![S-N curves for SLM prepares 316L. One batch of samples was prepared using a Concept Laser MLab and the other using an EOS M280. HCF sample geometry was directly printed without any post-printing treatments. The HCF tests were performed with R = 0.1.](TSTA_A_1361305_F0013_OC){#F0013}

In this respect, one might be quite happy that the cyclic behavior of the SLM 316L is comparable to wrought 316L, but this must be qualified by the fact that the as-built SLM 316L is much stronger than the wrought product (\~510 MPa vs \~290 MPa, Figure [11](#F0011){ref-type="fig"}). For HCF performance, the fatigue strength usually scales with the tensile strength, and hence one might expect the SLM 316L to be much better in cyclic deformation than the wrought material. That it is not is because of at least two factors: one is the presence of residual porosity (as also highlighted in Section [2](#S0002){ref-type="sec"} for the fatigue of Ti-6Al-4V), and the other is because of the surface roughness inherent in the SLM process. For the EOS-printed 316L samples shown in Figure [13](#F0013){ref-type="fig"}, the surface roughness is \~12--15 μm. We may test the relative effect of surface roughness and residual porosity by comparing the HCF performance of as-built HCF samples with those machined from as-built SLM cylinders prepared under the same conditions. Cylinders (with the same diameter as the heads of the HCF samples plotted in Figure [13](#F0013){ref-type="fig"}) have been built on the EOS M280 at the same time as the HCF samples shown in Figure [13](#F0013){ref-type="fig"}, and these cylinders were then machined into the same shape as the as-built HCF samples. These SLM 316L samples, containing a 'machined' surface finish, are also shown in Figure [13](#F0013){ref-type="fig"}. For such samples, cycling under R=0.1 with a peak stress of 500 MPa is still not sufficient to break them after 5×10^6^ cycles (i.e. the fatigue strength is more than 500 MPa). This demonstrates the enhanced HCF performance that 'could' be obtained from the higher strength of SLM 316L compared to wrought 316L, if the surface finish in SLM could be improved. Whilst there is rightfully much focus on porosity because of its effects on damage, Figure [13](#F0013){ref-type="fig"} demonstrates that the fatigue performance is greatly compromised by the SLM surface finish and that efforts to improve this are also very important from the point of view of damage tolerance.

There is a second important aspect of the high dislocation densities observed in as-built steels. The dislocation densities observed correspond to large stored energies -- the types of stored energies that typically drive recrystallization processes in metals. We may therefore expect that such structures should be relatively unstable and could be sensitive to the dissipation of heat through the already densified component during solidification of subsequent layers in SLM. This effect is actually already seen, although its origin has not been discussed. A series of optical and EBSD maps from a 25Cr super duplex stainless steel in the as-built SLM condition from Saeidi et al. \[[@CIT0056]\] is shown in Figure [14](#F0014){ref-type="fig"}. Although this composition is a duplex stainless steel, in the as-built state it is essentially 100% ferritic.

![(a), (b) Optical microscopy images of SLM 25Cr super duplex steel taken at low (a) and high (b) magnification demonstrating the mosaic-type macrostructure. (b) Small grains around 1--5 μm within the mosaic boundary zones. (c) EBSD phase map showing existence of single-phase ferrite in the as-built state. (d) Grain orientation map of the same area showing existence of fine grains inside the tesserae (from Saeidi et al. \[[@CIT0056]\]).](TSTA_A_1361305_F0014_OC){#F0014}

The images in Figure [14](#F0014){ref-type="fig"} are taken from a plane perpendicular to the build direction which was made on an EOS M270 machine. The interesting feature of these structures is the mosaic pattern observed. Large grains are surrounded by an array of small grains. The characteristic length scale of this pattern (100 μm) corresponds to the laser line spacing and is due to localized recrystallization of the as-built ferrite on subsurface layers due to the heat-affected zone from successive layers of building. This interesting feature of the microstructure is only possible because of the high dislocation density (and hence high stored energy) present in the as-built structure and highlights the possibilities of controlling grain structure by using the laser for *in situ* heat treatments. It will be possible to create controlled heterogeneous grain structures during building in this way, which can have interesting effects on the mechanical response (e.g. interesting effects on strain hardening from bimodal grain size distributions). This direction of creating architectured structures *in situ* remains almost unexplored and may also be used as a template for the nucleation of second phases during post-printing heat treatments. This will provide an opportunity to obtain multiphase steel architectures through SLM.

3.2.. Phase stability in SLM steels {#S0008}
-----------------------------------

In Section [3.1](#S0007){ref-type="sec"}, SLM of 316L was mostly discussed along with some consideration of 25Cr super duplex from the work of Saeidi et al. \[[@CIT0054]\]. The as-built structures of these two steels are single phase -- austenitic for 316L and ferritic for the duplex composition. Obviously, the duplex stainless steel requires a post-build heat treatment to obtain the duplex structure and therefore to obtain the combinations of strength and stress corrosion cracking resistance (SCC) which makes it useful.

However, other steels are multiphase in the as-printed SLM state. Examples are maraging steels. These steels are interesting in the context of additive manufacturing because the phases that appear are not necessarily those expected, the phase stability in the printed state appears to be different to that of their wrought counterparts and the reasons are not fully understood. In some cases, the stability may be altered because of microsegregation, similar to that shown in Figure [12](#F0012){ref-type="fig"}, but, as we shall see, in other cases the phase stability is greatly modified and the origin is not understood.

Kempen et al. \[[@CIT0057]\] and Jagle et al. \[[@CIT0058]\] have both studied SLM of an 18Ni (300 grade) maraging steel. In the traditional wrought state these steels consist of a fine distribution of intermetallic precipitates formed by precipitation in a martensitic matrix. In principle, one might imagine these steels to be well disposed towards SLM because of the fast cooling rates and the need to form a starting martensitic microstructure. However, these authors demonstrated that the as-built state actually contains nearly 6% austenite and no precipitates, despite the repeated heating and cooling that might be expected to drive some precipitation during SLM. These authors also demonstrated that, during the post-build heat treatment to precipitate the strengthening intermetallics, the fraction of austenite grows from the retained austenite. The presence of the retained austenite is thought to be related to microscale segregation (like that shown in Figure [12](#F0012){ref-type="fig"}) of austenite stabilizers during fabrication \[[@CIT0059]\]. Jagle et al. \[[@CIT0059]\] report that Kempen et al.'s \[[@CIT0057]\] build was performed in a N~2~ atmosphere. Nitrogen is an austenite stabilizer and brings us to the important point of possible interstitial pick-up during additive manufacturing. In the same manner in which Ti alloys are sensitive to oxygen pick-up during additive manufacturing, steels are sensitive to nitrogen and carbon pick-up. Whilst this pick-up may be detrimental in some cases, one may also view the build atmosphere and a potentially controlled interstitial pick-up as an alloy design variable to be exploited. The formation of oxides (oxygen pick-up) is shown in Figures [10](#F0010){ref-type="fig"} and [12](#F0012){ref-type="fig"} in SLM 316L, but this may be extended to form different fractions of ferrite/martensite and austenite in SLM steels. By changing the atmosphere as a function of build time, architectured steels may be fabricated. The use of the build atmosphere as a design tool for SLM is only just commencing and provides great flexibility for the alloy designer. This possibility has been encouraged by Collins et al. \[[@CIT0054]\] and Springer et al. \[[@CIT0055]\].

A final example to demonstrate unexpected phase stability in SLM steels is from the work of Baek et al. \[[@CIT0060]\]. These authors prepared samples of 304L using laser-aided direct metal tooling and compared their mechanical response with wrought 304L. As expected from the discussion on dislocation densities in Section [3.1](#S0007){ref-type="sec"}, under monotonic testing the yield strength of the printed 304L was superior to that of the wrought product. However, these authors also mechanically tested their samples in a 10 MPa hydrogen atmosphere to compare the hydrogen embrittlement (HE) behavior of the additively manufactured and wrought 304L. The wrought 304L was embrittled by the hydrogen as is expected, but the AM 304L was largely unaffected. The HE resistance of the AM 304L is a surprising outcome, and the origins of this effect, and its generality, are not yet understood. However, a clue is found from examining the phase stability during deformation. Wrought 304L undergoes strain-induced martensite formation during tensile testing, and Baek et al. \[[@CIT0060]\] demonstrate that this occurs in their experiments. However, the printed 304L did not transform during straining. The stability of the austenite in the additively manufactured 304L was significantly increased, and the origin is not known. It may well be that the large dislocation density that will be present in the as-built austenitic structure (Section [3.1](#S0007){ref-type="sec"}) was sufficiently high to retard the martensite interface motion (but this is merely speculation). If so, it demonstrates another method (in addition to microsegregation and interstitial pick-up) of manipulating phase stability that may be exploited by alloy designers applying their trade to additively manufactured steels.

4.. Microstructure and mechanical properties of high-entropy alloys processed by direct laser fabrication {#S0009}
=========================================================================================================

In section [3.2](#S0008){ref-type="sec"}, it was highlighted that phase stability in as-printed SLM multiphase steels differs from that of their wrought equivalents. This point is of prime interest for multi-principal element alloys (MPEAs) or high-entropy alloys (HEAs) which include a large range of compositional and microstructural complexity that is available for their development as structural materials \[[@CIT0061]\]. HEAs are defined as alloys that have at least five principal elements in equimolar/equiatomic or near equimolar/equiatomic compositions and the concentration of each element is between 5% and 35%. The higher configurational entropy in HEAs stabilizes simple solid solutions, such as body-centered cubic (*bcc*), face-centered cubic (*fcc*), and hexagonal close-packed (*hcp*). However, in many cases the best balance of properties is achieved for microstructures consisting of a disordered solid solution phase and an ordered multicomponent precipitate phase. The configurational entropy does play a crucial role in deciding the final structure/phase, but often the competition with enthalpy dictates the final overall microstructure, hence sometimes these alloys are referred to as complex concentrated alloys (CCAs). HEAs with a single-phase solid solution can be a subcategory under CCAs, but for simplicity the term HEA will be used for all multi-principal element alloys discussed in this section.

Traditionally arc-melting \[[@CIT0062]\] and spark plasma sintering (SPS) \[[@CIT0065]\] have been the two main processing techniques employed to fabricate bulk HEAs. To successfully produce homogeneous bulk HEAs by arc-melting, extensive re-melting and intermittent ingot inversions are required, and powder alloying and refinement (typically via balling milling) is necessary when processing via the SPS route. In addition to these intensive processing requirements it may be argued that there are shape and size limitations of HEA components using these techniques. These are strong incentives toward the application of additive manufacturing to HEAs. AM of HEAs is beginning to receive attention (only two papers on SEBM \[[@CIT0067]\] and SLM \[[@CIT0068]\]), and a growing number of published studies report the microstructure and properties of HEAs processed by DLF. DLF is particularly attractive for the manufacture of HEAs because the need to pre-alloy metal powders can be avoided by the use of elemental powders as feed stock and their controlled supply from different hoppers to produce, *in situ*, chemically homogeneous alloys under optimized processing conditions.

The compatibility and advantage of AM of HEAs is also founded on the idea that laser-induced rapid solidification can avoid compositional segregation, restrict the formation of the brittle intermetallic compounds and lead to the strengthening effect by the grain refinement. In this section, we will discuss the phases, microstructures and mechanical properties of laser-printed and laser-cladded HEAs.

4.1.. Bulk HEAs produced by SLM, SEBM and DLF {#S0010}
---------------------------------------------

The bulk of the published literature shows LENS™ as being the most widely used additive manufacturing method for the production of HEAs. The biggest advantage LENS™ has over other systems is that it is a powder-*fed* system. This has the implication that gradation can be achieved simply by changing the powder flow rates from the different hoppers comprising the powder delivery system. Welk et al. \[[@CIT0069]\], in 2013, first published the use of LENS™ for the additive manufacturing of a HEA, Al~1.5~CoCrCuFeNi. Their idea to use an additive manufacturing technique was based on the premise of avoiding slow cooling (common in cases using arc-melting or levitation melting) and hence to minimize the interdendritic segregation in the microstructure. Although the cooling rates are comparatively higher in direct laser deposition methods, the study did show the formation of dendritic grains. The presence of an ordered B2 structure and a disordered *bcc* matrix in these dendritic grains was confirmed via SEM, confocal TEM and scanning TEM studies. Kunce et al. then studied the use of additive manufacturing techniques to make HEAs for the purpose of hydrogen storage \[[@CIT0070]\]. The premise for using additive manufacturing was the same as Welk et al. \[[@CIT0069]\] to avoid slow cooling rates. The faster cooling rates obtained via direct laser metal deposition lead to a significant non-equilibrium solute-trapping effect, which in turn avoided the component segregation and relieved the solubility limitations. Two alloy systems of compositions, ZrTiVCrFeNi and TiZrNbMoV, were synthesized via the LENS™ system. Elemental powder blends were used. The compositions were chosen on their ability to form intermetallic phases which would be stable on exposure to annealing and hydrogen influence. While both alloys exhibited a dendritic two-phase structure, the ZrTiVCrFeNi alloy was made up of a dominant C14 Laves phase matrix with a minor amount of α-Ti solid solution, and the TiZrNbMoV showed dendrites of *bcc* solid solution surrounded by NbTi~4~-type phases. Both these alloys performed well for hydrogen storage. The use of LENS™-based additive manufacturing was also exploited by Choudhuri et al. \[[@CIT0072]\] who used elemental powder blends to manufacture multi-component HEAs with ordered L2~1~ Heusler precipitates. The as-laser deposited sample was compared to an as-cast microstructure of the composition, AlCoCrCuFeNiTi, and revealed similar microstructures but at a much finer scale. This was attributed to the faster cooling rates obtained in the LENS™ process.

The most-studied high-entropy alloy system made via additive manufacturing has been based on the AlCoCrFeNi system. Kunce \[[@CIT0073]\] used LENS™ and Fujieda \[[@CIT0067]\] used SEBM. As the names suggest, while LENS™ is a laser-based process, SEBM is electron-based. The other major difference between these systems is that the LENS™ is a powder-*fed* process, compared to SEBM's powder *bed* process. While Kunce concentrated more on the microstructural evolution (the alloy decomposed into dendrites and interdendrites; both composed of Fe--Cr-rich *bcc* precipitates in an Al--Ni-rich B2 matrix), Fujieda showed that SEBM-processed HEA had better mechanical properties than the same material in the as-cast state, with ductility and fracture strength both being high.

Brif et al. \[[@CIT0068]\], Joseph et al. \[[@CIT0074]\] and Sistla et al. \[[@CIT0075]\] all used variants of the aforementioned compositions in their work involving additive manufacturing methods. SLM CoCrFeNi tensile test specimens were manufactured by Brif et al. \[[@CIT0068]\] using gas-atomized powder. This gives rise to a fully dense microstructure which is 100% *fcc*. The yield strength of as-built SLM CoCrFeNi (600 MPa) has tripled compared with its cast equivalent (188 MPa), while the ductility remains high (32% elongation, and 50% for the as-cast), and the UTS reaches 745 MPa (457 MPa for the as-cast). This considerable enhancement of the strength is unlikely to be explained by the refinement of the microstructure.

Fijieda et al. \[[@CIT0067]\] used SEBM and gas-atomized powder to fabricate AlCoCrFeNi specimens for compression tests. This gives rise to a duplex *bcc* + *fcc* microstructure with elongated grain along the build direction (Figure [15](#F0015){ref-type="fig"}). Anisotropy of the compressive properties has been reported. Segregation of Cr and Fe to the grain boundaries is observed. SEBM AlCoCrFeNi exhibits superior ductility (14%--26% elongation) and lower yield strength (1015 MPa) than the as-cast equivalent (5% and 1308 MPa, respectively). The enhanced plasticity is attributed to the grain refinement and the existence of the *fcc* phase in the SEBM specimen, which is not the case in the as-cast sample.

![EBSD map (inverse pole figure) from as-built AlCoCrFeNi HEA prepared using SEBM Arcam A2X system (Arcam, Mölndal, Sweden) \[[@CIT0067]\].](TSTA_A_1361305_F0015_OC){#F0015}

By varying the percentage of Al in the alloy Al~x~CoCrFeNi (x = 0.3, 0.6, 0.85), Joseph \[[@CIT0074]\] achieved three completely different microstructures with the help of direct metal deposition. With an increasing amount of Al, the microstructure shifted from *fcc* to *fcc*/*bcc* to completely *bcc*. Mechanical properties of these additively manufactured samples, measured by compression testing, were comparable to the properties of as-cast alloys. While there was an increase in the overall strength with an increase in the Al percentage, the ductility decreased. While Joseph varied the composition of only Al, a change in both the Al and Ni compositions was considered out by Sistla et al. \[[@CIT0075]\]. The alloys they studied, produced via direct laser sintering, were Al~x~FeCoCrNi~(2-x)~ (x = 0.3, 1). The transition of solid solution from a *bcc* to *fcc* structure via a change in the ratio of Al to Ni was the premise of this study. They reported that, with a decreasing Al content, the structure changed from a hard and brittle α+B2 structure to a hard and *relatively less brittle* B2+α+L1~2~ structure.

A slightly modified alloy system was investigated by Borkar et al. \[[@CIT0076]\], followed by Choudhuri et al. \[[@CIT0077]\]. A single deposit of Al~x~CuCrFeNi~2~ (0 \< x \< 1.5) alloy was made via LENS™. The major difference in these studies, compared to earlier work, was that these investigations used a single deposit with compositional gradation along the build length. This approach permitted a detailed assessment of the transition in microstructure along the same alloy gradient, from a predominately *fcc* solid solution, to *fcc*/L1~2~ to mixed *fcc*/L1~2~ + *bcc*/B2 and finally to predominantly *bcc*/B2 as the Al content increases from 0 to 1.5 (molar fraction) (Figure [16](#F0016){ref-type="fig"}). This change in microstructure and phase constitution was accompanied by a corresponding progressive increase in microhardness with increasing Al content, clearly indicating that the *bcc*/B2 microstructure is substantially harder than the *fcc*/L1~2~ microstructure. The corresponding change in magnetic properties with increasing Al content is also rather interesting, with the low Al-containing *fcc*/L1~2~ regions being weakly ferromagnetic, while the *bcc*/B2 regions with higher Al content are strongly ferromagnetic with high saturation magnetization (M~s~) but relatively soft with low coercivity (H~c~). Choudhuri et al. \[[@CIT0077]\] in their work pinpointed the exact composition where the transformation occurs from *fcc* to *bcc* (\~ 12 at.% Al), and the solidification sequence and subsequent solid-state transformations were also investigated and coupled with solution thermodynamic computations.

![(a) Backscattered SEM image showing microstructural transition from x = 0.8 to x = 1.0 along compositionally graded LENS-deposited Al~x~CrCuFeNi~2~. EBSD phase maps showing fcc (red) and bcc (green) distribution in (b) x = 0.8 and (c) x = 1.0 \[[@CIT0076]\].](TSTA_A_1361305_F0016_OC){#F0016}

4.2.. Laser-cladded HEA coatings {#S0011}
--------------------------------

Laser cladding is the application of a thick coating (above 1 mm) which melts and bonds to the substrate \[[@CIT0078]\]. The coating material can be fed as powders in a gas stream or as a wire, or preplaced as elemental or pre-alloyed powders, to be melted by the laser beam with a thin layer of the substrate. Laser cladding is used to tailor the surface properties of engineered materials (including steels, Ni-, Co-, Cu-, Al- and Ti-based alloys) exposed to severe environments. It provides wear and abrasion resistance, corrosion resistance and thermal resistance, while combining with the required bulk properties. Typical uses include coatings of steam turbine blades and turbine blades of aero-engines, hot rollers, hot gears, offshore drilling, cutting tools, valve components, etc. This process can also be used for maintenance and repair of damaged surfaces. The most commonly used coating materials are Co- and Ni-based superalloys and stainless steels \[[@CIT0081]\]. Alloying elements added to tune the properties include Cr, V, Mo, Ti, Mn, W and C. Various ceramics powders (WC, TiC, SiC, Al~2~O~3~, Cr~2~O~3~, BN, TiN, etc.) can also be added to enhance the hardness and wear resistance but reduce the toughness (embrittlement). Recently, HEAs have been exploited as a material coating option by laser cladding. The studies published are more numerous than for bulk and thus provide complementary results and insights on the microstructure development in laser-melted HEAs, considering the similarities between laser cladding and DLF.

### 4.2.1.. Relationship between processing conditions and cladding quality of HEA coatings {#S0012}

Cladding process conditions affect the microstructure, macrostructure, surface morphology and overall quality of laser-cladded coatings. The main processing parameters are laser power (P), laser beam size (D) and laser scanning velocity (V) and combined parameters such as the effective energy per unit area E (J/mm^2^) and the powder deposition density PDD (g/mm^2^) \[[@CIT0078]\]:

where R is the powder feed rate (g/min) and D~N~ is the nozzle diameter.

Table [1](#T0001){ref-type="table"} summarizes the laser parameters applied for HEA coatings. Laser power, beam diameter, scanning velocity and effective energy applied for HEAs coatings range between 0.4--3 kW, 0.6--4.5 mm, 1.7--12 mm/s and 46--208 J/mm^2^. These conditions are typically used for successful clads of others metals and metal/ceramic composites coating \[[@CIT0085]\].

###### Summary of the processing conditions applied to laser cladding of HEA coatings.

  Alloy composition                   Preparation   Substrate         P (kW)     D (mm)   V (mm/s)   E (J/mm^2^)   t (mm)   Ref
  ----------------------------------- ------------- ----------------- ---------- -------- ---------- ------------- -------- ----------
  AlB~0.5~CoCrCuFeMoNiSi              Pre-coating   Carbon steel      2          4.5      6.7        0.1           1.5      119
  AlCoCrFeNi                          Pre-coating   304 SS            2          3        3--7       0.1--0.2      0.5      95
  AlCoCrFeNi                          Pre-coating   1100 Al           0.7        0.6      1.7        0.7           0.5      117
  Al~3~CoCrFeNi                       Pre-coating   Q235 steel        2          4.5      5          0.1           1.2      107
  Al~2~CoCrFeNiSi                     Pre-coating   Q235 steel        2          4.5      6.7        0.1           1.2      108
  AlCoCr(Cu)FeNiSi~0.5~               Pre-coating   AZ31 Mg           2          4        10         0.1           2        97
  AlCoCrCu~0.9~FeNi                   Pre-coating   AZ91D Mg          3          4        10         0.1           1        118
  AlCoCrCuFe                          Pre-coating   Q235 steel        3          4        3--6       0.1--0.3      0.8      105
  (Al)CoCrCuFeNi                      Pre-coating   AISI 1045 steel   1.4--1.8   3        8--12      0.05--0.1     1.4      87, 88
  AlCoCrCuFeNi                        Fed           Mg                0.3        1        2          0.2           0.3      96
  Al~2~CoCrCuFeNi                     Pre-coating   H13 steel         0.4        4        1--7       0.01--0.1     0.15     94
  Al~2~CoCrCuFeNi(Ti)                 Pre-coating   Q235 steel        2.5        4        3          0.2           1        93
  Al~2~CoCrCuFe(Ni)Ti                 Pre-coating   Q235 steel        2.5        4        3          0.2           0.8      104, 105
  AlCoCrFeNiSiTi +C, B and Y~2~O~3~   Pre-coating   Q235 steel        1.38       5        6          0.05          2        100
  AlCoCrFe~6~NiSiTi                   Pre-coating   Q235 steel        2          4.5      6.7        0.1           1.7      101, 109
  AlCoCrNiTiV                         Pre-coating   Ti-6Al-4V         2          3        40         0.02          0.8      102
  Al~2~CrFe(Mo)Ni                     Pre-coating   SS                0.9        4        4          0.1           1.2      103
  AlCrFeNiTa                          Fed           305 SS            0.6        1.5      5          0.1           0.8      112
  AlCrSiTiV                           Fed           Ti-6Al-4V         2          2.5      3          0.3           2.5      86, 115
  CoCrCuFeNi                          Pre-coating   Q235 steel        2          4.5      6.7        0.1           1.2      106, 88
  CoCrFeMnNi                          Pre-coating   A36 steel         2          4        2          0.3           2        110
  CrFeMoTiW                           Pre-coating   Q235 steel        2          3        6          0.1           1.2      116

The most common defects in laser clads are unmelted powder particles, non-uniform and discontinuous clad tracks, and cracking. They are related to the process conditions. Unmelted powder particles occur when effective energy input is too low (i.e. high speed and low power) and/or when the powder feed rate is too high. The surface morphology and waviness of the clad layer depends on the overlap ratio, where d~*l*~ is the lateral displacement of successive tracks and W~*c*~ is the clad width (ideally equal to the laser spot size) which increases with the effective energy input. Good surface quality of the AlCrSiTiV and Al~x~CoCrCuFeNi coatings were prepared by Huang et al. \[[@CIT0086]\] and Ye et al. \[[@CIT0087]\] with overlap ratio ranging from 33% to 50% (optimum overlap distance close to half of the clad width). Zhang et al. \[[@CIT0088]\] reported that minor additions of alloying elements can improve the quality of the CoCrCuFeNi coating.

Clad coatings can present an important network of cracks due to high residual stresses which arise from thermal mismatch and the rapid cooling process. The formation of cracks is enhanced when crack-sensitive coating materials are used, and when the substrate and the coating exhibit too dissimilar thermal expansion coefficients and Young's moduli. As a rule, the coating materials should have a lower thermal expansion than the substrate to favor compressive stresses \[[@CIT0089]\]. As shown by Huang et al. \[[@CIT0086]\], cracking can also be avoided in AlCrSiTiV coating by preheating the Ti-6Al-4V substrate, causing the cooling rates to decrease.

Figure [17](#F0017){ref-type="fig"} shows a schematic cross-section of a typical clad track. It consists of the cladding zone (CZ) with height h~c~, the bounding zone (BZ) with height h~mix~ and the heat-affected zone (HAZ). In the bounding zone, elements from the coating and the substrate material intermix with a certain ratio defined by the dilution rate. The dilution rate (d~*R*~) is an important factor affecting the properties of the cladding layer. It can be correlated to the clad geometry as shown in Figure [17](#F0017){ref-type="fig"} and calculated from:

![Clad dimensional characteristics and featured zones: cladding zone (CZ), bonding zone (BZ) and heat-affected zone (HAZ).](TSTA_A_1361305_F0017_B){#F0017}

Dilution is necessary in order to create a strong metallurgical bond, but should be kept a low as possible (less than 5% \[[@CIT0090]\]) to maintain the composition of the cladded coatings. As a general rule, an increase of the laser power and energy input contributes to the increase of the melting depth and dilution. Ye et al. \[[@CIT0091]\] observed that high laser power (1800 W) and low scanning rate (4 mm/s) result in a large enrichment of the (Al)CoCrCuFeNi coating due to a dilution of Fe from the steel substrate. Even for lower laser power (600 W), Ocelik et al. \[[@CIT0092]\] reported Fe enrichment of the AlCoCrFeNi and AlCrFeNiTa coatings by dilution (up to 70%) from the substrate. Other reports of laser cladding on steel substrates generally indicate a marginal increase of Fe \[[@CIT0093]\] contents in Al~2~CoCrCuFeNi(Ti) and Al~2~CoCrCuFeNi coatings resulting from a slight dilution rate, despite different laser power applied (i.e. 2500 W and 400 W, respectively). Zhang et al. \[[@CIT0095]\] pointed out a slight increase of Cr content in AlCoCrFeNi coating due to the mixing of Cr from the stainless steel substrate. Finally, the dilution between AlCoCrCuFeNi and AlCoCr(Cu)FeNiSi~0.5~ coatings and Mg substrate was investigated by Yue et al. \[[@CIT0096]\]. It was found that the HEA clad and the Mg substrate were only slightly diluted by the Mg (7 at.%) and the Cu (2 at.%), respectively. The reason evocated for such limited dilution was the high viscosity and sluggish diffusion rates of the HEA melts. It can be noticed that all authors reported a depletion of the Al content in the cladded HEA coatings due to its evaporation from the melt pool.

The rapid cooling rates (10^4^--10^6^K/s) \[[@CIT0098]\] induced by laser cladding and the temperature gradient between the bottom and the top of the melt pool lead to a typical microstructure of cladded coating consisting of columnar grains at the bounding zone and equiaxed grain at the cladding zone. This columnar-to-equiaxed transition of crystal growth found in laser cladding is controlled by the temperature gradient and the solidification rate in the same way discussed in Section [2](#S0002){ref-type="sec"} for Ti-6Al-4V (Figure [4](#F0004){ref-type="fig"}). In the region close to the substrate, the high temperature gradient and low solidification rate cause a directional growth of columnar grains perpendicular to the interface. At the bottom of the melt pool, the solidification rate increases to a value close to the laser scanning velocity, while the temperature gradient decreases, which promoted the growth of equiaxed grains \[[@CIT0099]\].

The typical microstructure in the cladding zone is composed of dendritic and interdendritic regions with slight component segregation \[[@CIT0088]\]. For alloys containing both Cr and Cu elements, a tendency for segregation is observed with interdendritic regions enriched in Cu and depleted in Cr compared to the dendritic phase \[[@CIT0088]\]. When alloys include Al, Cr, Fe and Ni, the solidified microstructure is generally composed of dendrites enriched in Al and Ni, while Cr and Fe are enriched in interdendritic regions \[[@CIT0103]\]. Segregation of Ti and Mn in grain boundary regions is also observed in AlCoCrFe~6~NiSiTi \[[@CIT0101]\] and CoCrFeMnNi \[[@CIT0110]\]. In comparison with the solidified microstructure of the HEAs prepared by conventional casting or arc-melting techniques, the interdendritic region generally is much smaller and the segregation is much less significant due to the high cooling rate of the laser cladding method \[[@CIT0106]\].

Table [2](#T0002){ref-type="table"} and Figure [18](#F0018){ref-type="fig"} shows a microstructure classification by phase type for laser-cladded HEA coatings in comparison to bulk HEAs fabricated by conventional techniques. Almost all HEA coatings processed by laser cladding are from the 3d transition metal family, but one belonging to refractory metal has been reported. HEA clads and bulk HEAs share the same common elements. Disordered solid solutions (SS) and microstructures with a mixture of both disordered solid solution and intermetallic phases (SS+IM) represent 68% and 32% of reported microstructures, respectively. The most common phases are *bcc* (76%) and *fcc* (58%), followed by other IM. Common IM phases include B2. Single-phase *fcc* SS alloys are CoCrCuFeNi and CoCrFeMnNi, whereas single-phase SS *bcc* and duplex alloys contain *bcc* stabilizers such as Al, Ti, Si and *bcc* refractory metals. Half of the SS alloys are single-phase, with a higher percentage for disordered *bcc* (23% of the total) than *fcc* (10% of the total); the remaining (35% of the total) are duplex (*fcc* + *bcc*).

###### Summary of properties and phases of laser-cladded HEA coatings.

  Alloy composition                   Density (kg/m^3^)   Hardness (HV)   Phases                        Ref
  ----------------------------------- ------------------- --------------- ----------------------------- ----------
  AlB~0.5~CoCrCuFeMoNiSi              6713                1150            B2 + martensite               119
  AlCoCrFeNi                          6718                                *bcc* + IM                    117
  AlCoCrFeNi                          6718                510             *bcc*                         95
  Al~3~CoCrFeNi                       5322                800             B2 + *fcc*                    107
  Al~2~CoCrFeNiSi                     5156                900             *bcc* + B2                    108
  AlCoCr(Cu)FeNiSi~0.5~                                                                                 97
  AlCoCrCu0.5FeNiSi~0.5~              6324                800             *bcc*                          
  AlCoCrCuFeNiSi~0.5~                 6507                700             *bcc* + *fcc*                  
  AlCoCrCu~0.9~FeNi                   7041                                *bcc*                         118
  AlCoCrCuFe                          6753                                *fcc* + *bcc*                 105
  (Al)CoCrCuFeNi                                                                                        87
  AlCoCrCuFeNi                        7071                254             *fcc* + *bcc*                  
  Al~1.3~CoCrCuFeNi                   6796                521             *fcc* + *bcc* + IM             
  Al~1.5~CoCrCuFeNi                   6631                398             *fcc* + *bcc* + IM             
  Al~1.8~CoCrCuFeNi                   6407                986             *fcc* + *bcc* + IM             
  (Al)CoCrCuFeNi                                                                                        91
  AlCoCrCuFeNi                        7071                390             *fcc* + *bcc*                  
  Al~1.3~CoCrCuFeNi                   6796                540             *fcc* + *bcc*                  
  Al~1.5~CoCrCuFeNi                   6631                640             *fcc* + *bcc*                  
  Al~1.8~CoCrCuFeNi                   6407                660             *fcc* + *bcc*                  
  Al~2~CoCrCuFeNi                     6271                687             *fcc* + *bcc*                  
  AlCoCrCuFeNi                        7071                                                              96
  Al~2~CoCrCuFeNi                     6271                400             *fcc*                         94
  Al~2~CoCrCuFeNi(Ti)                                                                                   93
  Al~2~CoCrCuFeNi                     6271                                *fcc* + *bcc*                  
  Al~2~CoCrCuFeNiTi~0.5~              6115                                *fcc* + *bcc* + Laves phase    
  Al~2~CoCrCuFeNiTi                   5983                                *fcc* + *bcc* + Laves phase    
  Al~2~CoCrCuFeNiTi~1.5~              5872                                *fcc* + *bcc* + Laves phase    
  Al~2~CoCrCuFeNiTi~2~                5776                                *bcc*                          
  Al~2~CoCrCuFe(Ni)Ti                                                                                   104, 105
  Al~2~CoCrCuFeTi                     5655                900             *fcc* + *bcc*                  
  Al~2~CoCrCuFeNi~0.5~Ti              5828                920             *fcc* + *bcc*                  
  Al~2~CoCrCuFeNiTi                   5983                960             *fcc* + *bcc*                  
  Al~2~CoCrCuFeNi~1.5~Ti              6124                1060            *fcc* + *bcc*                  
  Al~2~CoCrCuFeNi~2~Ti                6251                1100            *fcc* + *bcc*                  
  AlCoCrFeNiSiTi +C, B and Y~2~O~3~   5449                450             *fcc* + TiC + IM              100
  AlCoCrFe~6~NiSiTi                   6348                780             *bcc*                         101, 109
  AlCoCrNiTiV                         5975                                B2 + IM                       102
  Al~2~CrFe(Mo)Ni                                                                                       103
  Al~2~CrFeMo~0.5~Ni                  5888                380             *bcc* \#1 + *bcc\#*2           
  Al~2~CrFeMoNi                       6292                445             *bcc*\#1 + *bcc\#*2            
  Al~2~CrFeMo~1.5~Ni                  6628                455             *bcc\#*1 + *bcc\#*2            
  Al~2~CrFeMo~2~Ni                    6911                678             *bcc\#*1 + *bcc\#*2            
  AlCrFeNiTa                          8967                860                                           112
  AlCrSiTiV                           4267                900             *bcc* + IM                    86, 115
  CoCrCuFeNi                          8332                375             *fcc*                         106, 88
  CoCrFeMnNi                          8028                                *fcc*                         110
  CrFeMoTiW                           9941                800             *bcc* + IM                    116

![Microstructure classification by phase type. An IM has at least one IM phase, an (SS + IM) has at least one solid solutions and at least one IM, a Duplex has two solid solutions (bcc + fcc).](TSTA_A_1361305_F0018_B){#F0018}

This statistical comparison of the types of phases observed in HEAs processed by laser cladding and conventional solidification techniques \[[@CIT0111]\], respectively, shows a prevalence of the *bcc* phase and duplex (*fcc* + *bcc*) microstructure over single *fcc*, and less IM phases. This over-representation of *bcc* may result from laser-induced rapid solidification as observed by Ocelik et al. \[[@CIT0112]\], who compared the microstructure of (Al)CoCrFeNi prepared by conventional arc-melting with a laser-cladded coating technique and found that the formation of the *bcc* phase was favored over *fcc*. However, percentages of the reported microstructures are biased because 90% of the HEA coatings contain Al, and Al content is most of the time higher in clads than in bulk, which increases the number of single *bcc* phases (Al being a *bcc* stabilizer).

### 4.2.2.. Properties of laser-cladded HEA coatings {#S0013}

Figure [19](#F0019){ref-type="fig"} displays the materials property space where the room temperature hardness is plotted against density using logarithmic scales to compare HEAs coatings processed by laser cladding with alloys that are either currently used for surface coating (Co- and Ni-based alloys) or are compatible with cladding and thermal spraying (ceramic particle-reinforced Mg-, Al- and Ti-matrix, metal-bonded WC and refractory alloys). In addition, three families of bulk HEAs (light-metal HEAs, 3d transition metal HEAs and refractory metal HEAs) processed by conventional techniques (mainly arc-melting) are also shown on the same figure. This plot was made using a dedicated materials database for bulk HEAs \[[@CIT0113]\], the CES EduPack Level 3 Aerospace database \[[@CIT0114]\] and the published studies already cited, in addition to others \[[@CIT0115]\] (see Table [2](#T0002){ref-type="table"}). Individual alloys (shown as open and closed circles) are enclosed in large bubbles that represent alloy families. The laser cladding HEA coatings are shown by white bubbles, 3d transition metal family of HEAs by blue-colored bubbles, refractory metal HEAs are shown by red bubbles and light-metal HEAs are shown by green bubbles; other commercial alloys and CRP metals are shown by gray bubbles. Figure [20](#F0020){ref-type="fig"} gives a more detailed view of HEA clads.

![Materials property space for room temperature hardness vs density of laser cladding HEA coatings and conventional metal alloy coatings, ceramic particles reinforced (CPR) metallic matrix compatible with cladding or thermal spraying, and light-metal HEAs, 3d transition metal (TM) HEAs, and refractory metal HEAs. The dashed lines give performance index for uniaxial loading (HV/d). This chart was made using the CES EduPack, the Level 3 Aerospace database from Granta Design \[[@CIT0114]\] and the HEA database published elsewhere \[[@CIT0113]\].](TSTA_A_1361305_F0019_OC){#F0019}

![Detailed view of the materials property space for room temperature hardness vs density of laser cladding HEA coatings. Phases present are shown by squares for *fcc*, circles for *bcc*, diamonds for duplex (*fcc* + *bcc*) and triangles for other phases. SS and (SS + IM) are shown by open and closed symbols, respectively.](TSTA_A_1361305_F0020_B){#F0020}

Laser-cladded HEAs coatings overlap with Co- and Ni-coatings and bulk 3d transition metal and refractory metal HEAs, and expend to higher hardness values filling empty areas of the materials landscape. The room temperature hardness of laser-cladded HEA coatings exceed the properties of all ceramic particle-reinforced Mg-, Al- and Ti-matrix, as well as Nb, Ta and Mo alloys. The best HEA clads outperform bulk HEAs which was attributed to the prevalence of the *bcc* phase, the grain refinement and the distribution of nano-sized precipitates resulting from the rapid cooling rate \[[@CIT0087]\].

Laser-cladded HEAs coatings are marginally better than W alloys and do not compete with the best metal-bonded WC in hardness. However, the best HEAs coatings outperform W alloys and metal-bonded WC in applications where weight saving is a major requirement because they have considerably lower density than these refractory alloys and ceramic/metal composites. This feature is illustrated by the line representing the ratio of the hardness over the density in Figure [19](#F0019){ref-type="fig"}. Materials above a performance index line have higher value of the specific hardness than those below, so harder and lighter coatings can be made from materials above the line.

Hard materials generally have low wear rates, which suggests the advantages of HEA coatings over conventional alloy and CRP coatings. Very few studies report wear volume or mass loss \[[@CIT0086]\], wear rate \[[@CIT0086]\], friction coefficient \[[@CIT0086]\] and morphology of the worn surface \[[@CIT0086]\] of HEA clads. Dry sliding wear tests at room temperature give friction coefficient and specific wear rate values of \~0.3 and \~2.10^−5^ mm^3^/Nm for AlCrSiTiV clad which is, respectively, 2 and 3 times lower than the Ti-6Al-4V substrate \[[@CIT0086]\]. From EDS analysis of the worn surface of AlCrSiTiV clad, Huang et al. \[[@CIT0086]\] attributed the enhanced abrasive and adhesive wear resistance to the combination of hard silicide secondary phase and ductile and tough *bcc* matrix which limit crack propagation. The abrasion resistance at room temperature of (Al)CoCrCuFeNi clad increases with Al content due to an increase of the hardness \[[@CIT0087]\]. The wear rate at 500 °C for the Al~2~CoCrCuFeNi clad is 30% that of the H13 tool steel substrate \[[@CIT0094]\]. The relative wear resistance at room temperature of Al~2~CoCrCuFeNi(Ti) coatings is about 3 times higher than for the Q235 steel substrate and almost independent of the Ti content despite the transition from a single-phase *fcc* for Ti~0~ to a single-phase *bcc* for Ti~2~ \[[@CIT0093]\]. Room temperature sliding wear tests show that the mass loss of Al~2~CrFeMoNi coatings is only 50% of the stainless steel \[[@CIT0103]\]. These papers show that laser-cladded HEA coatings significantly enhance the wear resistance of the substrate at room temperature and 500 °C. However, laser-cladded HEAs must be further characterized in order better to evaluate their potential as an attractive option for coating materials and to gain an understanding of the friction mechanism which provides an enhancement of the wear resistance in these alloys. Durability properties such as corrosion resistance in various environments, fracture toughness and response at elevated temperature are required for coating applications.

5.. Conclusions {#S0014}
===============

This review article has summarized and discussed the recent development of additive manufactured metals with a focus on the microstructures and mechanical properties of three different alloy families, i.e. Ti-6Al-4V, steels and high-entropy alloys.

In an as-printed SLM Ti-6Al-4V, even a small fraction of porosity (\<1%) affects damage properties and a larger fraction (\>5%) deteriorates the monotonic mechanical response. Whereas the interrelation between process parameters and consolidation of dense products has been identified, the influence of powder characteristics remains not sufficiently explored. Indeed, the powder size distribution and morphology are expected to influence the power absorption in a spatial manner. As a consequence, systematic efforts must be made to characterize more finely the powder and to incorporate these measurements into simulations.

From a macroscopic point of view, the columnar grain structure dominates, but a rigorous control of both the thermal gradient and the solidification rate velocity allows for developing fully columnar, fully equiaxed and mixed macrostructures. The preferential texture observed is mainly attributed to the preferential growth along the maximum thermal gradient that corresponds to the SLM built direction. It is obvious that a better knowledge about the local melt pool physics and the determination of the liquid/solid interfacial properties would lead to the definition of new strategies to design both texture and the macro-level microstructural features.

Due to high cooling rate, *β* phase transforms mainly to very fine α'-martensite upon cooling. The as-built samples by SLM are thus characterized by high strength, high yield strength but relatively low ductility. In that specific case, only some specific post-thermo-mechanical treatments may improve the balance between strength and ductility. For instance, both tensile strength and ductility can be strongly improved by the formation of a duplex α+*β* microstructure induced by a post-subcritical annealing. This shows a promising pathway to developing high-strength and ductile titanium alloys. It is also possible to conceive that such thermo-mechanical treatments can be carried out *in situ* during processing. Furthermore, it is of prime necessity to implement some tools to characterize the material in real time during processing. In the same way as for classical solidification, advanced technics such as synchrotron diffraction are expected to provide new insights into materials.

From a mechanical point of view, the tensile properties obtained approach and sometimes exceed properties obtained from a conventional process. However, these properties differ from one machine to another. This suggests that the link between process parameters and the resulting microstructure must be better understood. In the same vein, the presence of metallurgical defects, both the heterogeneity and anisotropy of microstructures, limit these processing techniques for fracture applications. However, the development of predictive models for mechanical and fracture properties opens up new opportunities for a widespread use of these advanced technics.

Examining stainless steels and maraging SLM steels, other important microstructural features and process considerations inherent to additive manufacturing were highlighted, including the large in-built dislocation density, the surface roughness, the phase stability and the build atmosphere.

In as-printed 316L stainless steel, the rapid solidification and anisotropic heat removal gives rise to a fully dense, 100% austenitic microstructure with fine (10 μm) and elongated grains. The most remarkable microstructural feature of the as-built microstructure is the high dislocation density (up to 10^15^ m/m^3^) equivalent to what would be obtained after severe plastic deformation. Quantitative rationalizations demonstrated that such a high in-built dislocation density can arise from thermal contraction strain during solidification and contribute primarily to the doubling of the yield strength for SLM 316L compared with the wrought 316L. Furthermore, solute microscale segregation at the dislocation cell boundaries is present, and its effect on dislocation junction strength deserves to be investigated. Another important and still unexplored aspect of the high dislocation densities observed in SLM 316L is that the large stored energy offers a means to design multiphase steel architectures by using the laser for *in situ* thermal treatments.

Damage properties of SLM steels was also discussed. The comparison of the cycle behavior of as-built HCF samples with those machined from as-built cylinders demonstrated that the surface roughness inherent to the SLM process compromises the fatigue performance and that efforts should be devoted to improving SLM surface finish.

A final comment was made about the phase stability in SLM steels. The phases in printed state appear to be different to those of their wrought equivalents. In an 18Ni maraging steel, microsegregation and interstitial pick-up from the build atmosphere affect the fractions of ferrite/martensite and austenite. This suggests an additional tunable parameter to manipulate the microstructure by changing the atmosphere during additive manufacturing.

Finally, an overview of the current state of additive manufactured high-entropy alloys was provided. HEAs represent a newly growing branch of the alloy family tree. Due to their compositional complexity and high concentration of alloying elements, the production of HEAs requires intensive processing using conventional techniques which limit the size and shape of HEA components. AM offers a cost-effective alternative technique in the context of HEAs, and published results demonstrated that HEAs are suitable with AM techniques. The large temperature gradient and rapid solidification lead to significant grain refinement and non-equilibrium solute-trapping effect, which in turn avoided the component segregation and relieved the solubility limitations, in printed HEAs compared with their cast counterparts.

DLF is particularly attractive because the need to pre-alloy metal powders can be avoided by the use of elemental powders as feed stock and their controlled supply from different hoppers, to produce, *in situ*, chemically homogeneous alloys under optimized processing conditions. A statistical comparison of the types of phases in HEAs produced by laser cladding compared with their cast counterparts showed a prevalence of the *bcc* phase and duplex microstructure. The hardness of 30 laser-cladded HEAs was compared with commercial alloys used for coating and bulk HEAs using materials property space. It was demonstrated that the best HEA clads outperform cast HEAs and commercial coating metals.

Besides the promising results from the viewpoint of the microstructure refinement and the enhancement of the mechanical properties of bulk and cladded coating HEAs, DLF (e.g. LENS^TM^) proved to be a powerful combinatorial tool to produce materials libraries with composition gradients along the build direction. This approach was successfully applied to various HEAs (e.g. Al~x~CuCrFeNi~2~) to assess the transition microstructure as the Al content increases along a single graded alloy. Such high-throughput experiments are particularly interesting for the development of HEAs which requires the exploration of the vast composition space in the central region of multidimensional phase diagrams.

SLM and SEBM of HEAs using pre-alloyed gas-atomized powder have received much less attention; however, they deserve further study as the tensile properties thus obtained appear better. For example, the yield strength of SLM CoCrFeNi HEA is 600 MPa compared with 274 MPa for the wrought (and 188 MPa for the as-cast) counterpart. This doubling of the yield strength is equivalent to what was observed in SLM 316L. Given the compositional similarity between 3d transition metal HEAs (such as CoCrFeNi) and stainless steels, the insights and future work highlighted in the present review for SLM 316L offer an interesting inspiration for the HEA field to move forward. Further focus should be devoted to evaluating the microstructure and tensile properties of additively manufactured HEAs with the aim of achieving an in-depth comprehension of the mechanisms at the origin of the microstructure development and the resulting mechanical properties.
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